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The diffusion-multiple approach can be used to map phase diagrams at an efficiency orders
of magnitude faster than the conventional equilibrated alloy method. This paper addresses
a concern about the reliability of the results, especially whether the data obtained from
diffusion multiples can produce reliable equilibrium phase diagrams. The following topics
will be discussed: (a) establishment of local equilibrium at the phase interfaces, (b) X-ray
interaction volume vs. thickness of the phases (microprobe related issues), (c) reliability of
phase diagrams from equilibrated alloys, (d) usefulness of electron backscatter diffraction,
(e) impurity-induced stabilization of metastable phases, and, (f) missing phase situations. A
direct comparison of several ternary systems obtained from both diffusion multiples and
equilibrated alloys was made. The good agreement between them clearly demonstrates the
reliability of phase diagrams determined from diffusion multiples.
C© 2004 Kluwer Academic Publishers

1. Introduction
The first graphical representation of phase equilibria,
what we now call a phase diagram, was that of Roberts
in 1875 on the Cu-Ag system [1]. Some 4700 diagrams
have since been documented out of a set of ∼4950
binary systems, but only ∼15,000 diagrams of a to-
tal possible 161,700 ternary systems [2]. John Elliot
stressed that phase diagrams are maps for metallur-
gists and therefore indispensable for both research and
application. While binary diagrams are relatively sim-
ple to determine experimentally, the legendary William
Hume-Rothery once said that it took a master’s degree
student to determine one isothermal section of a ternary
phase diagram. The slow and laborious work involved
in determining phase diagrams makes these extremely
useful maps often unavailable to materials scientists
who would use them to guide up-front design of mate-
rials. Robert Cahn himself did not make phase diagram
determination a major part of his research, although he
has made some contributions both to phase diagrams
(e.g. [3, 4]) and to techniques for their determination
[5, 6]. Cahn in the year 2000 stated that “I expect to see
this [high-efficiency] approach developed in the near
future; then the years involved in determining a ternary
phase diagram will be drastically shortened . . . ” [7].
Cahn’s prediction was correct. A year later, a diffusion-
multiple approach was developed for rapid mapping of
phase diagrams and phase properties [8, 9]. At about the
same time, the continuous phase diagramming (CPD)
approach based on thin film deposition was also devel-
oped for rapid mapping of phase diagrams [10]. This
article will only discuss the diffusion-multiple approach
and readers are referred to the work of Yoo et al. for the
CPD approach [10]. The diffusion-multiple method-

ology can be orders of magnitude more time-efficient
than the traditional equilibrated alloy method in phase
diagram mapping. This paper will address two related
concerns: (1) how reliable are the phase diagrams de-
termined from diffusion multiples? and (2) are they real
equilibrium phase diagrams?

2. The diffusion-multiple approach
A diffusion multiple is an assembly of three or more
different metal blocks, in intimate interfacial contact,
and subjected to a high temperature to allow ther-
mal interdiffusion [8, 9, 11]. The interdiffusion among
the elements forms all the intermetallic compounds
and solid-solution phases in that ternary system, cre-
ating complete libraries of the single-phase composi-
tions. The composition libraries coupled with advanced
micro-analytical techniques such as electron probe mi-
croanalysis (EPMA), electron backscatter diffraction
(EBSD) and nano-indentation make diffusion multiples
a powerful approach for structural materials research
and development. This paper will only address the
phase diagram mapping part of the diffusion-multiple
approach.

A diffusion-multiple example is shown in Fig. 1 [12].
It was made by cutting a slot of 1.8 mm width and
12.7 mm length from a 25 mm diameter pure Cr disk of
3 mm thickness. Pure Pd, Pt, and Rh foils of 0.25 mm
thickness are arranged in a bricklaying geometry shown
in Fig. 1b and put into the slot in the Cr disk along with
a pure Ru piece with 2 steps on it. The Ru piece had
a thickness of 1 mm on one side and 0.5 mm on the
other. Two pure Cr disks (without the slot) of 25 mm
diameter and 3 mm thickness were placed on top and
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Figure 1 A diffusion multiple for rapid mapping of ternary phase diagrams in the Pd-Pt-Rh-Ru-Cr system [12]: (a) an optical image of the sample
(see text for the exact size); (b) the arrangement of the precious metal foils in the diffusion multiple to create many tri-junctions shown in circles; (c)
a backscatter electron image of the Cr-Pt-Ru tri-junction showing the formation of the A15 and σ phases due to interdiffusion of Pt, Ru and Cr; and
(d) ten ternary phase diagrams (isothermal sections at 1200◦C) obtained from this single diffusion multiple. The phase diagrams are plotted in atomic
percent axes with the scales removed for simplicity.

bottom of the slotted Cr disk containing all the pre-
cious metals. The assembly was then placed in a pure
Ti tube of 25.5 mm inner diameter and 32 mm outer
diameter and 9.6 mm height. Two Ti disks of 32 mm
diameter and 3 mm thickness were placed on the top
and the bottom of the Ti tube filled with the three Cr
disks. The assembly was evacuated and then welded
in vacuum using an electron beam along the top and
bottom peripheries of the Ti tube. The welded outer Ti
tube and caps served as a hot isostatic pressing (HIP)
can. The whole assembly then underwent a HIP run of
1200◦C, 200 MPa for 4 h to achieve intimate interfacial

contact among all these pieces. The diffusion multiple
was further annealed at 1200◦C for 36 h in a vacuum
furnace—making the total diffusion exposure time 40 h
at 1200◦C. The Cr disks and the Ti HIP can serve as
protection for the precious metals from any intersti-
tial contamination during heat treatment. The diffusion
time was chosen to develop diffusion profiles measur-
able over lengths of ∼100 microns, so that neighboring
diffusion sources would not interfere with the couple
or triple being evaluated.

The annealed diffusion multiple was then cut into
halves parallel to the two Ti caps and at the mid-point
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Figure 2 EBSD identification of phases in the Cr-Pt-Ru ternary system in the diffusion multiple. The lines on the SEM backscatter electron image (in
the middle) represent the locations of the EPMA scans. The EBSD patterns are shown in pairs with the un-indexed pattern on the left and the indexed
pattern on the right.

of the thickness direction (Fig. 1a). The sample was
ground and polished for EPMA and EBSD evaluation.
The bricklaying pattern allows the formation of ten tri-
junctions in this diffusion multiple, as shown in Fig. 1b
by the highlighted circles. Each tri-junction created a
complete library of the single-phase compositions of
that ternary system. A scanning electron microscopy
(SEM) backscatter electron image (BSE) of the Cr-Pt-
Ru tri-junction is shown in Figs 1c and 2. Based on
the binary phase diagrams, there should be one inter-
metallic compound (Cr3Pt with an A15 crystal struc-
ture) formed between Cr and Pt, and also one compound
(σ with a tetragonal crystal structure) between Cr and
Ru. There should be no compound between Pt and Ru,

just the fcc/hcp equilibrium. The image in Figs 1c and
2 clearly shows the A15 (Cr3Pt) and the σ phase and a
clear fcc/hcp phase boundary. It is difficult to locate the
phase boundary between the A15 and the σ phase using
the SEM BSE image alone; however, the EBSD tech-
nique was very useful in helping to identify the phase
boundaries.

EPMA scans were performed along the line locations
shown in the middle of Fig. 2. The composition profile
of a representative EPMA scan is shown in Fig. 3a. Lo-
cal equilibrium at phase interfaces allows accurate eval-
uation of equilibrium tie-lines. This will be discussed in
more detail subsequently. By taking advantage of the
local equilibrium at the phase interfaces, the tie-line
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Figure 3 EPMA analysis of the Cr-Pt-Ru ternary system from line scans
shown in Fig. 2: (a) a line scan showing a typical composition profile
as produced by EPMA and (b) all the tie-line information based on the
EPMA scans for the construction of the Cr-Pt-Ru ternary phase diagram.

compositions were evaluated by extrapolating the con-
centration profiles to the phase interfaces as shown in
Fig. 3a. Based on the tie-line compositions obtained
from all the EPMA scans shown in the middle of Fig. 2,
the entire isothermal section of the Cr-Rh-Ru ternary
system was obtained (Fig. 3b). By performing similar
analysis on all the ternary junctions shown in Fig. 1b
in circles, a total of 10 ternary phase diagrams were
mapped from this single diffusion-multiple sample—
it would probably take more than a thousand alloys
to map these diagrams using conventional techniques.
Thus, there is an orders-of-magnitude increase in effi-
ciency compared to the individual alloy method.

Since none of the ten phase diagrams were available
in the literature for comparison of the results from the
diffusion multiple with those from equilibrated alloys,
a comparison of several other systems where literature
data are available will be made as a direct check for the
reliability of the results from diffusion multiples.

3. Comparison of phase diagrams obtained
from diffusion-multiples with those from
equilibrated alloys

A direct comparison of the 1100◦C isothermal sec-
tions of the Fe-Mo-Ni and Co-Mo-Ni ternary systems

Figure 4 Comparison of the 1100◦C isothermal section of the Fe-Mo-
Ni ternary system: (a) results obtained from 23 equilibrated alloys and 7
diffusion couples [13] and (b) results obtained from a diffusion multiple
[9].

is made in Figs 4 and 5, respectively [9, 13, 14]. Excel-
lent agreement can be clearly seen. The literature data
were based on results from both equilibrated alloys and
diffusion couples from van Loo and co-workers [13].

Excellent agreement was also observed in the 1000◦C
isothermal section of the Ti-Cr-Al system, Fig. 6 [15,
16]. The isothermal section shown in Fig. 6a was con-
structed by Shao and Tsakiropoulos [15] based on re-
sults from more than a hundred alloys from several
research groups. It can be seen by comparing Fig. 6
with Figs 4 and 5 that the number of alloys necessar-
ily employed to determine a phase diagram rapidly in-
creases as it becomes more complex. The advantage
of the diffusion-multiple approach becomes more pro-
nounced. Note that there is a slight difference in the
solubility of Al in the bcc Cr phase. In addition, Shao
and Tsakiropoulos did not separate the C36-Laves and
the C14-Laves phases.

A direct comparison is also made for the 1200◦C
isothermal sections of the Nb-Ti-Al ternary system de-
termined from equilibrated alloys and from a diffusion
multiple, Fig. 7 [17–21]. Good general agreement is ob-
served for the overall phase equilibria in the isothermal
sections. However, difference can be seen, especially in
the following areas: the α-Ti + β+γ -TiAl three-phase
region, the σ phase composition in the β + δ +σ three-
phase region, the width of the γ -TiAl single-phase re-
gion, etc. Even though the first four isothermal sections
(Fig. 7a to d) were all determined from individual al-
loys, appreciable difference can be seen among them.
Some of the difference may be related to the different
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Figure 5 Comparison of the 1100◦C isothermal section of the Co-Mo-
Ni ternary system: (a) results obtained from 9 equilibrated alloys and 8
diffusion couples [13] and (b) results obtained from a diffusion multiple
[14].

levels of interstitials (C, N, and O) in the alloys in this
particular system.

The good agreement observed for these four ternary
systems clearly shows that the phase diagrams obtained
from diffusion multiples are reliable. Two additional
systems will be discussed subsequently where signifi-
cant disagreement is observed. It is argued that in both
instances the phase diagrams obtained from diffusion
multiples are more reliable than those obtained from
individual alloys.

4. Discussion
4.1. Establishment of local equilibrium at

phase interfaces
The existence and establishment of the local equilib-
rium at phase interfaces in diffusion couples have been
demonstrated by many experiments over the past sev-
eral decades. Excellent reviews on the topic were writ-
ten by van Loo and co-workers [22, 23]. The establish-
ment of local equilibrium at phase interfaces in diffu-
sion multiples is not any different from that in diffusion
couples. Local equilibrium at the phase interfaces is the
basis for applying diffusion couples and also diffusion
multiples to phase diagram determination.

It is worthwhile noting that the local equilibrium
is only reached at the phase interface, not in the en-
tire diffusion zone. Away from the interface, each in-
finitely thin layer of such a diffusion zone is not in ther-

Figure 6 Comparison of the 1000◦C isothermal section of the Ti-Cr-Al
ternary system: (a) results based on more than 100 equilibrated alloys
[15] and (b) results obtained from a diffusion multiple [16].

modynamic equilibrium with the neighboring layers—
the chemical potential (activity) gradient still exists at
neighboring layers and will continue to drive diffu-
sion if the sample is annealed for longer time. Only
at the interface has the local equilibrium been main-
tained, and which serves as the base of applying diffu-
sion couple/multiple techniques for determining equi-
librium phase diagrams.

Deviations from local equilibrium are only likely to
occur when the interface is moving at a speed in excess
of D/a where D is the slowest diffusion coefficient
and a is the atomic spacing. Such deviations may occur
early in the heat treatment process, but are not likely af-
ter long-term annealing when the interface slows down.

Since the grain size of the phases is usually very large
after a long-term diffusion anneal, the existence of co-
herent equilibrium at the interfaces is not very likely.
The phase diagrams obtained from diffusion multi-
ples should thus be equilibrium, non-coherent phase
equilibria.

4.2. X-ray generation volume vs. thickness
of the phases (microprobe related
issues)

Measuring compositions across an interface is usually
done using EPMA, with the inherent limitations of the
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Figure 7 Comparison of the 1200◦C isothermal section of the Nb-Ti-Al ternary system: (a) from Hellwig et al. [17] based on >70 alloys, (b) from
Das et al. [18], (c) from Perepezko et al. [19], (d) from Kaltenbach et al. [20], and (e) from a diffusion multiple [21]. It can be seen that appreciable
discrepancies exist in the reported phase diagrams, even between those (a) to (d) as well as in comparison with the diffusion multiple approach (e).

EPMA measurement volume in a homogeneous mate-
rial being further degraded by measurement in a com-
position gradient. Since some phase layers formed in
diffusion multiples are very thin (some of them are only
a few microns in width), the questions are whether re-
liable phase compositions can be obtained by EPMA

and whether extrapolation to the phase interfaces will
produce reliable enough equilibrium tie-lines.

Monte Carlo simulations of the X-ray generation vol-
ume are performed to address the first question [24].
The volume from which X-rays are generated that
reach the detector varies with atomic number of each

3918



SPECIAL SECTION IN HONOR OF ROBERT W. CAHN

Figure 8 Monte Carlo simulation of the X-ray generation volume of four
phases in the Cr-Pt-Ru ternary system. The simulation was conducted
for an accelerating voltage of 15 keV with the electron beam at an 90◦
incident angle (perpendicular to the sample) [24].

constituent element. Some examples of such simula-
tions are shown in Fig. 8 which provides critical in-
formation regarding the necessary thickness of the in-
termetallic compounds in the diffusion multiples and
the “step size” for EPMA analysis. For instance, the
X-ray excitation volume would be less than 1 µm3 for
the Cr3Pt (A15) phase (Fig. 8); thus theoretically the
thickness of this phase only needs to be a few microns
to allow reliable analysis of its composition. The thick-
ness of the Cr3Pt phase in the precious metal diffusion
multiple is only about 10 µm (Fig. 2), but it is more
than enough to allow reliable EPMA analysis of several
points using a 1-µm EPMA step, as shown in Fig. 3a.
In addition, since the thickness is small and the interac-
tion volume is also small, it makes sense to use a 1-µm
step size for the analysis of the Cr-Pt-Ru region of the
diffusion multiple.

The Monte Carlo simulations also help the selection
of the accelerating voltage used for the EPMA measure-
ments. Low accelerating voltage is desired to reduce the
X-ray interaction volume, thus allowing more reliable
EPMA points to be obtained from thin phase layers. On
the other hand, a higher voltage is desired for higher
X-ray intensity and better peak-to-background ratios
for higher efficiency EPMA data collection. An effi-
ciency vs. accuracy trade-off analysis has to be made
on a system-by-system basis to optimize the acceler-
ating voltage and beam current. In the case shown in
Figs 1 to 3, the accelerating voltage was selected to be
15 keV.

The reliability of compositional extrapolation to
phase interfaces for equilibrium tie-lines is certainly a
valid concern. When EPMA can be made at only a few
points across the thickness of thin phases, this can re-
sult in inaccuracies in estimating tie-line compositions
for these phases, since it is difficult to extrapolate to
the interface based on so few data points. However, in
most cases multiple diffusion paths could be evaluated,
traversing a single phase under analysis from several
different two-phase or three-phase fields. This gave a
number of opportunities to measure phase composition.
The composition variation in the thin phases (usually

intermetallic compounds) is generally quite small, so
that steep composition gradients are unlikely on the ap-
proach to a two-phase interface, reducing any likely
errors, e.g., Fig. 3a. Also, with analyses made for two
or three different temperatures, it is possible to com-
pare the determined phase equilibria as a further check
of consistency of the analyses. Based on the range of
measurements made, most tie-line compositions can be
assessed to be ±2 at.%.

One may be concerned about the X-ray absorption
and fluorescence corrections in a composition gradi-
ent in diffusion multiples in contrast to a homogeneous
phase for which the correction algorithms are originally
developed. Although there is a jump of composition
across a phase interface, the composition gradient in
the phases approaching the interface is usually not very
steep after a long-term anneal of the diffusion mul-
tiples. At low accelerating voltage and beam current,
the X-ray generation volume can be reduced to 1 to
2 µm3. The composition gradient in such small regions
is usually negligible, allowing accurate absorption and
fluorescence corrections to be made using existing al-
gorithms.

4.3. Phase diagrams from equilibrated
alloys—not always a gold standard

One would think that the equilibrated alloy method
(melting, casting and heat treatment of individual al-
loys) is the ultimate “gold-standard” for equilibrium
phase diagram determination. Usually this is true. How-
ever, since both the processes of solidification and heat
treatment are involved, true equilibrium can be difficult
to reach if the solid-state decomposition process is slug-
gish for some of the phases. An excellent example is
shown in Fig. 9 which compares the 1000◦C isothermal
section of the Nb-Cr-Al ternary systems determined
using individual alloys ((a) and (b)) and a diffusion
multiple (c) [25–27]. Identical to the observations of
Hunt and Raman [25] as well as Mahdouk and Gachon
[26], the results from a diffusion multiple [27] showed
that the Al addition stabilizes the high-temperature
hexagonal C14-Laves phase of the binary Cr-Nb system
(NbCr2) to lower temperatures, and the solubility of Al
in C14 is as high as ∼45 at.%, which is consistent with
previous observations [25, 26]. The composition of the
C14-Laves phase was almost a ternary line-compound
in the form of Nb(Cr,Al)2. The diffusion-multiple re-
sults are consistent with the powder-metallurgy result
of Mahdouk and Gachon [26], and these findings to-
gether suggest that the very wide (Nb variation) phase
region of the C14-Laves reported by Hunt and Raman
[25] is unrealistic. The apparent widening of the C14-
Laves phase region in the case of Hunt and Raman was
probably due to segregation during primary solidifica-
tion of C14-Laves. The C14-Laves phase with compo-
sition away from Nb(Cr,Al)2 formed during solidifica-
tion and did not have sufficient time to decompose due
to its sluggish kinetics. In the diffusion multiple, the
C14-Laves phase formed at 1000◦C by diffusion reac-
tions, and it did not go through the solidification pro-
cess; thus it is much easier to reach local equilibrium
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Figure 9 Comparison of the 1000◦C isothermal section of the Nb-Cr-Al ternary system: (a) an approximate phase diagram reported by Hunt and
Raman [25] based on results from equilibrated alloys (phase boundaries and tie-triangles were not well defined), (b) results reported by Mahdouk and
Gachon [26] again based on equilibrated alloys, and (c) results obtained from a diffusion multiple [27].

at the phase interfaces. In the case of Mahdouk and
Gachon [26], the direct reaction calorimetry process
involves fine powders that react together in the solid
state, thus it also avoids the problem associated with
melting and solidification. Comparison of the work of
both Hunt and Raman [25] and Mahdouk and Gachon
[26] is a great example to show that it is much eas-
ier to reach equilibrium by solid-state reactions than to
go through a solidification and decomposition process
when involving high-melting compounds and when the
decomposition kinetics are sluggish. Both Hunt and
Raman [25] and Mahdouk and Gachon [26] annealed
their samples at 1000◦C for 168 h (1 week). By com-

parison with the diffusion multiple approach, it appears
that Mahdouk and Gachon reached equilibrium through
solid-state (powder-metallurgy) reaction, whereas Hunt
and Raman [25] did not reach equilibrium for the C14-
Laves phase using melting/solidification and decompo-
sition annealing.

This example clearly shows a possible advantage of
the powder-metallurgy route in reaching equilibrium
for very high temperature alloys. But the powder-
metallurgy route also has its drawbacks. It is very
easy to introduce oxides or nitrides or moisture at
fine particle surfaces, thus contaminating the samples
and potentially causing interstitial stabilization of
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Figure 10 Comparison of the 1000◦C isothermal section of the Nb-Cr-Si ternary system: (a) results obtained from 220 cast and annealed alloys (It
is very likely this is not an equilibrium phase diagram because many alloys might not have reached equilibrium)[28], and (b) results obtained from a
diffusion multiple [29].

non-equilibrium phases. The diffusion-multiple
method can be superior in this regard—in that it does
not undergo the solidification process and at the same
time avoids potential interstitial contamination from
powders. The phases formed with this method should
be equilibrium phases, and local equilibrium at the
phase interface would give the equilibrium phase
diagram.

Most of the Nb-Cr-Al results obtained from the diffu-
sion multiple (Fig. 9c) agreed well with those reported
by Mahdouk and Gachon [26] except for the bcc(Nb)
+ C14-Laves + Nb2(Al,Cr) three-phase equilibrium.
The diffusion-multiple results showed a much higher
Al concentration in the C14-Laves phase in equilibrium
with both bcc(Nb) and Nb2(Al,Cr). Several tie-lines in
the bcc(Nb) + C14-Laves two-phase region and in the

Nb2Al + C14-Laves two-phase region clearly show the
trend of high Al (>20 at.%) concentration in the C14-
Laves phase in equilibrium with bcc(Nb) and Nb2Al.
In addition, a very low solubility of Cr in Nb3Al was
observed in the diffusion multiple, which is slightly
different from the result of Mahdouk and Gachon [26],
Fig. 9b. The limited thickness of the Nb3Al and Nb2Al
phases, especially the Nb3Al phase, may have intro-
duced some error in the EPMA data obtained from the
diffusion multiple and may have contributed to some
of the difference in results between this study and that
of Mahdouk and Gachon.

Another example is shown in Fig. 10 for the 1000◦C
isothermal section of the Nb-Cr-Si system [28, 29]. An
isothermal section was constructed by Goldschmidt and
Brand [28] based on results from 220 cast and annealed
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alloys (Fig. 10a). It is very likely that many of the al-
loys used by Goldschmidt and Brand had not reached
equilibrium after only 336 h (2 weeks) anneal at
1000◦C. Many Nb-base alloys, such as Nb-Ti-Si al-
loys studied by Bewlay et al. [30] and Nb-Hf-Si alloys
studied by Zhao et al. [31], possess very slow kinetics,
and thus they would not be at equilibrium after being
annealed at 1000◦C for only 336 h. For instance, even
after annealing at 1500◦C for 100 h, several Nb-Hf-
Si alloys still had not reached full equilibrium [31]. It
is very likely that the Nb-Cr-Si alloys would possess
similar slow kinetics as well, thus the data reported
in the phase diagram of Goldschmidt and Brand may
not represent equilibrium conditions. This argument is
supported by the fact the Nb5Si3 and Cr3Si phases have
very narrow composition ranges in the equilibrium bi-
nary phase diagrams [32, 33], whereas in the phase
diagram presented by Goldschmidt and Brand, these
phases show extensive composition ranges. This indi-
cates that the decomposition process of the primary so-
lidification structure was incomplete and equilibrium
at 1000◦C might not have been reached for many of
their alloys. Goldschmidt and Brand reported a very
large single-phase field for the β phase which they
claimed to be the βNb5Si3 (high temperature form, sta-
ble only above 1645◦C in the binary). This must be the
primary solidification β-Nb5Si3 that has not yet been
decomposed to the equilibrium phases at 1000◦C. The
α-Nb5Si3 extending from the Nb-Si binary is the low
temperature D8l form. They also reported a Nb4Si phase
which is certainly not an equilibrium phase, since this
phase does not appear in the Nb-Si equilibrium binary
phase diagram. The very wide C14-Laves phase region
(Fig. 10a) reported by them is also a good indication
that the alloys around this region have not reached equi-
librium. Under equilibrium conditions, the C14-Laves
phase behaves like a ternary line compound with very
little variation of Nb or Ti concentration, as shown in
Figs 6b, 9b and 9c.

The 1000◦C isothermal section of the Nb-Cr-Si
ternary system, determined from a diffusion multiple,
is shown in Fig. 10b [29]. The crystal structure of the
θ -phase (Fig. 10a) reported by Goldschmidt and Brand
is the same as that of (Cr,Nb)6Si5 (Fig. 10b), and the
phases with which it is in equilibrium (CrSi2, NbSi2,
CrSi, and Cr5Si3) were also observed in the diffusion
multiple for (Cr,Nb)6Si5. Thus it is safe to conclude
that their θ -phase is (Cr,Nb)6Si5. The composition of
the θ -phase is off the stoichiometric composition of
(Cr,Nb)6Si5, which may be due to the primary solidifi-
cation segregation. The ν-phase (Fig. 10a) is very likely
(Cr,Nb)11Si8. The crystal structure of the τ -phase is the
same as that of CrNbSi, thus they are the same phase.
Again the composition of the τ -phase is off the stoi-
chiometry of CrNbSi probably due to the solidification
segregation. The ρ-phase is certainly the C14-Laves
Nb(Cr,Si)2 which Goldschmidt and Brand already re-
ported.

The equilibrium phase diagram (Fig. 10b), as de-
termined with the diffusion-multiple approach, greatly
helps to clarify the confusion in the phases of this
ternary system and puts the phases at the right sto-

ichiometric positions in the phase diagram. Without
the diffusion-multiple results it would have been much
harder to correlate the θ, ν and τ phases since their
reported compositions did not correspond to the crys-
tal structure stoichiometries. The work from diffusion
multiples provides, for the first time, a much clearer
picture of the phase equilibria in this very complex
Nb-Cr-Si ternary system. This system also provides a
good indication of the applicability of the diffusion-
multiple approach in mapping very complex phase
diagrams.

4.4. The usefulness of EBSD
EBSD [34] is an extremely useful tool for phase di-
agram mapping using diffusion multiples since some
phases have compositions very close to one another
and EPMA data alone would not be enough to dif-
ferentiate them. For instance, the compositions of the
phases (Cr,Nb)6Si5 and (Cr,Nb)11Si8 are very simi-
lar (Fig. 10b). Without EBSD it would require time-
consuming transmission electron microscopy (TEM)
and electron diffraction analysis to tell them apart.
Also, the ternary NbCrSi phase sits right on the same
Nb concentration as the C14-Laves phase; it would
have been very easy to mistakenly plot the C14-Laves
phase region (line) all the way to the NbCrSi com-
position. The EBSD results helped us correctly in-
terpret the data. EBSD has been applied to deter-
mination of many phase diagrams using diffusion
multiples.

4.5. Impurity-induced stabilization
of metastable phases

If this happens, it should happen in equilibrated alloys
too, since when the phases start to equilibrate follow-
ing solidification segregation, the adjacent phases form
a tiny diffusion couple and the interdiffusion process
takes place during annealing. If an impurity induces
stabilization of metastable phases in both the diffusion
couples and diffusion multiples, it should also stabi-
lize these phases in equilibrated alloys if the impurity
level is the same in the diffusion couples/multiples and
the equilibrated alloys. The key is to keep impurities
as low as possible in both equilibrated alloys and dif-
fusion multiples. Interstitial contamination might have
been a problem for systems such as Nb-Cr-Si and Nb-
Ti-Al, but by careful design of the diffusion multi-
ples, it was possible to effectively reduce the interstitial
contamination.

4.6. Missing phase situations
In rare occasions, one of the phases may not form
by interdiffusion reactions in diffusion couples, which
makes one wonder whether a similar situation might
happen in diffusion multiples. An “infamous” example
is the Ti-Al binary system [35]. When Ti/Al diffusion
couples were made, only the TiAl3 phase was found,
but when Ti/TiAl3 diffusion couples were made, all
the compounds appeared [35]. Interestingly, in one of
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Figure 11 Backscatter electron SEM image of the Ti-TiAl3 binary area of a diffusion multiple annealed at 1000◦C for 2000 h showing the formation
of all the Ti aluminides [21]. The interface between the α-Ti and β-Ti phases cannot be seen due to small difference in their average atomic number,
they can be easily differentiated with EBSD.

Figure 12 Backscatter electron SEM image of the Ti-Si binary area of a diffusion multiple annealed at 1150◦C for 2000 h showing the formation of
all the Ti silicides [36].

the diffusion multiples studied, there happened to be
a Ti/TiAl3 diffusion couple. All the intermetallic com-
pounds/phases were found to have formed by interdif-
fusion reaction, as shown in Fig. 11 [21]. Similarly all
the compounds were found to have formed between
Ti and Si as shown in Fig. 12 [36]. These stoichio-
metric silicides are supposed to be difficult to form by
interdiffusion, yet all of them appeared. A close ex-
amination of the cases reported with missing phases in
diffusion couples shows that in most such cases equili-
bration was attempted at temperatures below half of the
homologous melting points, although the exact reason

for non-occurrence of phases under these conditions is
still not well understood. All the recent phase diagram
determination work using diffusion multiples has been
concentrated on high temperatures. That may be the
reason that we have not seen a missing phase situation.
Even though non-occurrence of phases was very rare,
when using diffusion couples and diffusion multiples
in determining phase diagrams one should always be
watchful for the possibility of missing phases (espe-
cially at low temperatures). In the cases reported in this
paper, it is highly likely that the phase diagrams ob-
tained are equilibrium ones, since all the binary phases
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appeared and all the confirmed ternary compounds were
observed. It is always a good check to see whether all
the binary phases and reported ternary phases appear.

In the case of a missing phase, the data obtained
would be metastable equilibrium; i.e., true equilibrium
but with the missing phases removed from the free en-
ergy minimization process. Rules exist regarding the
location of the phase boundaries in such cases. For in-
stance, the solubility of phases increases when a phase
is missing and lines on a ternary isothermal section
would extend smoothly into the metastable region. Such
metastable phase equilibria can be exposed by com-
paring the results with well-established binary phase
diagrams.

Although the diffusion-multiple technique is a
unique and powerful tool in determining phase dia-
grams, it is especially useful in conjunction with other
methods. In order to check the reliability of the informa-
tion obtained about the ternary and higher-order phase
diagrams, a combination of the diffusion-multiple tech-
nique with an investigation of selected equilibrated al-
loys is desirable, especially for the regions where the
exact phase boundaries are in question.

One should be extremely cautious when applying the
diffusion-multiple approach to phase diagram determi-
nation at relatively low temperatures. At low tempera-
tures, the diffusion rates are low and the formation of in-
termetallic compounds (especially high melting-point
ones) becomes very difficult kinetically. The formation
of high melting-point compounds also hinders further
diffusion of the elements, potentially resulting in miss-
ing phase situations. It is strongly recommended that
the diffusion-multiple approach be applied only to tem-
peratures above half of the homologous melting points.
To determine phase diagrams at relatively low tempera-
tures, the CPD approach [10] and other thin film deposi-
tion techniques are advantageous since much less time
is required to form a homogeneous composition across
the thin film thickness. This is particularly true when the
substrate is heated to the desired temperatures during
thin film deposition. The traditional equilibrated alloy
approach is also preferred at low temperatures—ample
annealing time should be given to warrant equilibrium
though.

5. Concluding remarks
The results presented in this paper clearly show that the
data obtained from diffusion multiples are in very good
agreement with reliable literature data obtained from
equilibrated alloys. Such agreement serves as a good
indication of the reliability of the phase equilibrium
information from diffusion multiples.

The combination of the use of diffusion multiples
with results on selected equilibrated alloys would be a
good safety check against any potential occurrences of
metastable or missing phases. Phase diagrams mapped
at two or more temperatures are also very useful to
check the consistency and reliability of the results.
In addition, it would also be useful to study diffu-
sion multiples annealed at one temperature for differ-
ent periods of time to check the consistency of phase
presence.

So far no missing phase situation has been encoun-
tered. Nevertheless, care should always be taken to
make sure all the binary compounds and ternary com-
pounds reported from conventional experiments appear
in the diffusion multiple.

The EBSD method is extremely useful in phase di-
agram mapping using diffusion multiples for crystal
structure identification.

The success of mapping very complex phase dia-
grams such as Nb-Cr-Si and Nb-Ti-Al using diffusion
multiples is extremely encouraging.

No method is fool-proof. One needs to be watch-
ful for potential pitfalls for each method, including the
“gold-standard” equilibrated-alloy method where am-
ple time should be used to ensure the alloys reach equi-
librium conditions.

It can be seen that careful use of the diffusion-
multiple approach can achieve orders of magnitude
higher efficiency in phase diagram mapping without
sacrificing the quality of the data.
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